Molecular dynamics simulations were carried out to investigate the mechanical properties of silicon nanoparticles during uniaxial compression by a flat-punch indenter. We considered a large set of systems, with dimensions in the range 10 nme50 nm, and various shapes like cubic (perfect and blunt), spherical, truncated spherical, and Wulff-shaped, as well as two compression orientations and two temperatures. Thorough analyses of the simulations first revealed that the relation between nanoparticle size and strength, usually termed as 'smaller is stronger', is critically dependent on the nanoparticle shape, at least for the investigated size range. For instance, a significant and size-dependent strength decrease is determined for facetted Wulff-like nanoparticles, but not for cubic or spherical systems for compression along < 100 > . We also found that the nanoparticle shape greatly influences plasticity. Several original plasticity mechanisms are obtained, among which the nucleation of half-loop V-shaped dislocation contained in two different {111} planes, dislocations gliding in unusual {110} planes, or the nucleation of partial dislocations in shuffle {111} planes. Our investigations suggest that plasticity properties are mainly governed by the localization of shear stress build up during elastic loading, and the geometry of surfaces in contact with indenters, these two characteristics being intimately related to the nanoparticle shape.
Introduction
The mechanical properties of materials with nanoscale dimensions are often different from what we are used to with usual bulk systems. Maybe the most famous example is the seeming increase of strength associated to the reduction of dimensions, as observed in various materials [1, 2] . Several mechanisms such as dislocation nucleation from the surface or twinning were proposed to substantiate these observations [3e5] . They are related to the fact that at nanoscale, the surface becomes as important than the bulk, thus influencing both elastic and plastic properties.
It is noteworthy that most of the available results and the inferred conclusions were coming from investigations carried out on 1D (nanowires, nanopillars) and 2D (thin films) systems [6e10]. In fact, those are particularly well suited for nanomechanical testing, benefiting from the development of dedicated experiments following the pioneering work of Uchic et al. [11] . In comparison, our knowledge on the mechanical properties of 0D systems like nanospheres or nanocubes is scarce [12] . This is rather unfortunate, since they constitute an important class of nanomaterials. In fact, nanoparticles are increasingly considered for potential applications in various domains, such as plasmonics, medicine, catalysis, and knowing the conditions under which they elastically deform or fail will allow to reduce the ageing degradation of functional properties. Understanding the mechanical response of nanoparticles is also critical in tribology and in applications where nanoparticles are envisaged as reinforcements in structural components. Furthermore, there is an intense research activity regarding the possible use of nanoparticles as anode-like materials in Li-ion batteries [13e15] . A successful future use of these systems is largely conditioned to a better understanding of their mechanical properties, and in particular to their propensity to fracture during lithiation [16] .
Pioneering results on mechanical properties of nanoparticles were mainly published by the group of W.W. Gerberich, and essentially concerned silicon nanospheres [17, 18] . Those studies reveal a rich and complex behavior, well different from what is known in bulk materials. For instance, it was shown that in small silicon nanoparticles stresses much higher than in the bulk could be achieved [19] . In certain conditions, these nanoparticles could be plastically deformed at room temperature, unlike bulk systems [20] . This feature was also observed in nanowires and nanopillars [7,21e24] . Furthermore, experiments reveal that toughness is also enhanced in small silicon nanoparticles [25, 26] .
Despite the aforementioned studies, which are the dominant plasticity mechanisms activated during the compression of silicon nanoparticles, still remains to be fully established. Several ones were proposed, such as amorphization [27] , dislocation nucleation and propagation [28e31] , and phase change [28,30,32e34] . In the specific case of numerical simulations, it seems that the choice of the interatomic potential has a non negligible influence on the plastic deformation mode [28] . However, it is also highly likely that the activated mechanisms critically depend on parameters such as nanoparticles size, shape or orientation, which may explain the great diversity of reported behaviors.
In particular, the influence of the nanoparticle shape on mechanical properties is often overlooked compared to size dependence. A recent investigation revealing how the nanoparticle edge sharpness could influence the plastic response was performed by Amodeo and Lizoul [35] , in the specific case of Ni 3 Al cubic nanoparticles. They show an unexpected transition from heterogeneous to homogeneous dislocation nucleation when the edges and corners of the nanoparticles become more rounded. Furthermore, they also find that the maximal attainable compressive stress greatly changes between sharp and rounded cubic systems, on a larger scale than size.
Despite the importance of these findings, there is a critical lack of investigations on this particular issue. Especially, it would be highly beneficial for our understanding to get further information on the relation between shape and plasticity, for as many as possible nanoparticle shapes, and more importantly acquired in a unique framework. This constitutes the motivation of the present work. We realized a comprehensive study of the mechanical response to uniaxial compression of silicon nanoparticles with several different shapes. Silicon is particularly appropriate for such investigations, because various nanoparticle shapes are stable or can be obtained by local quenching [36, 37] . Silicon is also characterized by a great variety of plasticity mechanisms [30,38e42] , whose are expected to depend on the shape too.
We used molecular dynamics, a method able to handle system sizes comparable to those reported in experiments, while allowing for a detailed atomistic analysis of plasticity mechanisms. A large set of nanoparticles with various shapes and sizes were tested, revealing that the nanoparticle shape is unquestionably a more important parameter than its size for the investigated size range. In fact, the nanoparticle shape is shown to largely influence the nanoparticle strength and plasticity mechanisms, as well as the existence of a size effect. This study also show the triggering of several original plasticity mechanisms, some of which being recently proposed in the literature.
Methods
Initial nanoparticle structures are prepared by carving selected shapes from a silicon lattice of lattice constant a 0 equal to 0.543 nm (Fig. 1) . The chosen geometries, spherical, Wulff-like, cubic and rounded cubic, were all shown to be thermodynamically stable [36] and/or experimentally achievable [30] . Selected system sizes, defined as the distance between the topmost and bottommost atoms along the < 100 > or < 111 > orientations, range approximately from 10 to 50 nm ( Table 1 ). The Wulff-like shaped nanoparticles are generated using the {111}, {100} and {110} surface energies calculated by Stekolnikov et al. [43] , resulting in a truncated octahedron geometry. In the case of the perfect cubic nanoparticles, all single-coordinated atoms located on the edges are removed. These structures are next used for preparing blunt geometries with rounded corners and edges, following the procedure depicted by Amodeo and Lizoul [35] . Three geometries with blunting parameter a ¼ 0:05, 0.15, and 0.30, are considered in this study for each cube size. Finally, we also prepare three additional configurations with a truncated-sphere shape by removing layers of atoms from the top and bottom of a 50 nm diameter sphere. In the following, these systems are called T-sphere-n, n being the number of removed layers on each side.
An important aspect of molecular dynamics calculations is the selection of the interatomic potential. In the literature, most of the numerical simulations dedicated to mechanical properties of silicon nanostructures either used the Stillinger-Weber [44] or the Tersoff potential [45] . We know from previous works that neither of the two can provide a perfect description of the plastic deformation of silicon [46] . The main advantage of the Tersoff potential is its ability to reproduce the cubic diamondeb-tin transition under pressure [32, 33] . However, it also tends to overestimate bonds strength, thus limiting dislocation nucleation and propagation unless for very high stresses and temperatures [47] . Conversely, the Stillinger-Weber (SW) potential is more appropriate for modelling Table 1 , were considered. The truncated-sphere nanoparticles are built by removing top and bottom layers from the largest sphere. (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) dislocation mediated plasticity [29, 46] , but it largely overestimates the pressure threshold for the b-tin phase transition. In this study, we chose the latter to model the silicon nanoparticles, but we use a recent reparametrization which improves several aspects like plasticity, amorphization, shear-transformation, over the original one [48] . Note that with this potential, the cubic diamondeb-tin phase transition remains overestimated. This issue will be discussed later in the paper.
The molecular dynamics simulations are carried out using the LAMMPS package [49, 50] . The Verlet algorithm with a timestep of 1 fs combined with the Nose-Hoover thermostat is used for the integration of equations of motion, within a constant volumeconstant temperature thermodynamic ensemble. All configurations are located in a computational box large enough to avoid interactions with periodic replicas. Prior to compression, each system is heated and equilibrated at 300 K, allowing for surface reconstructions. Uniaxial compressions are performed at two different temperatures, 5 K and 300 K, for all shapes and sizes, by initially placing infinite planar indenters, normal to the compression axis, on each side of the nanoparticles. As implemented in LAMMPS, the forces between these indenters and the nanoparticle are quadratic and purely repulsive, and proportional to a parameter k. In order to mimic an indenter much harder than the studied nanoparticles, k is set to 1000 eV Å À3 in this work. The compression test is realized by moving both indenters towards each other at a constant velocity equal to 0.1 Å/ps. This leads to engineering strain rates roughly ranging between 10 8 and 10 9 S
À1
, which is typical of molecular dynamics calculations. We performed additional simulations for specific systems with a strain rate lowered by one order of magnitude. These tests reveal no noticeable qualitative and quantitative differences with the previous simulations. We also investigated the influence of surface reconstruction, by carrying out 5 K compression tests of nanoparticles with unreconstructed surfaces, obtained by skipping the initial 300 K annealing stage. The comparison with the standard case shows that surfaces reconstruction also have no noticeable effect on the elastic modulus, the yield stress and strain, as well as plastic deformation mechanisms.
Most of the previously published works were concerning uniaxial compressions along < 100 > and < 111 > orientations. For a meaningful comparison, all configurations were compressed along < 100 > in this study. For the < 111 > orientation, only spherical and Wulff-like nanoparticles were considered. In that case, the systems are initially rotated in order to align {111} faces with the indenters.
To determine the true compression stress, it is necessary to estimate the contact surface area between the indenter and the nanoparticle. Note that the notion of contact at the nanoscale is not clearly defined [51] . In this study, we consider that an atom is in contact with the indenter if the separation is lower than 1 Å. Reasonable increase or decrease of this threshold lead to negligible differences in stressestrain curves. Knowing the atoms in contact, the associated surface area can then be determined by Delaunay triangulation and the true stress calculated as the ratio between the force acting on one indenter divided by the surface value. Other approaches were proposed to determine the contact surface [51, 52] , and we performed different analyses to check how this could influence our results. We found that the Delaunay triangulation is probably the best one to investigate shape effects, because no particular contact geometry is assumed. However, irrealistic values can be obtained in the very first deformation stages that include few atoms in contact. This issue has no consequences on the results presented in the following.
Atomic stresses for each atom i, having mass m i were calculated using the Virial theorem: were calculated using the Voronoi tessellation method. Since the Table 2 Summary of plastic deformation mechanisms for each tested nanoparticle shape and compression orientation ( < 100 > when not mentioned).
The number of + in the second column indicates qualitatively the magnitude of the size effect on yield stress (with B the absence of effect). Acronyms: Surface Nucleation (SN), Homogeneous Nucleation (HN), Cross-Slip (CS).
System
Size effect Plasticity mechanisms
∅ 30 nm, same as cubes with a 0:15
latter quantity is ill defined for surface atoms, atomic stresses are used only for non-surface atoms. We also compute the von Mises stresses defined as Post-processing analyses and visualization for identifying specific configurations and dislocations were performed using the visualization and analysis software Ovito [53, 54] .
Results

Mechanical response of Si nanoparticles
We first examine the mechanical response of the compressed nanoparticles through stressestrain curves. In this section, we focus on results obtained at 5 K, since they do not exhibit significant differences with 300 K simulations. As an example, we consider the case of 50 nm nanoparticles of various shapes compressed along < 100 > . The overall shapes of stressestrain curves, represented in Fig. 2 , appear to be relatively close. The stress increases linearly at the very beginning of the compression, but with a clear deviation from linearity as soon as the strain exceeds few percents. Smooth stress fluctuations are observed, except for the sphere, for which ripples can be seen. The latter are due to surface contact variations associated with the layer by layer flattening of the contact surface below the indenter, as will be shown in the next sections. Then, the stress reaches a maximum value, which defines the yield point. It corresponds to the highest stress that the nanoparticle can sustain before yielding. Beyond this point, a significant stress reduction is observed, suggesting that plastic deformation was initiated.
Focusing on the initial deformation stage, one can extract elastic moduli from each curve. Assuming linearity from 0% to 2%, values between 96 GPa (perfect cube) and 296 GPa (sphere) are calculated. Note that only in the case of the perfect cube this value is equivalent to the Young modulus as classically defined. For the modified SW potential used in this work, the bulk < 100 > Young modulus is equal to 102 GPa, in excellent agreement with the computed 96 GPa.
Deviations from linearity at higher strains are more or less pronounced depending on the case. For one part, stress is partially relaxed by surfaces during loading. In addition, deviations could also be correlated to contact surface variations. Hence the lowest ones correspond to geometries for which the contact surface area show little or no variations during loading, while the largest deviation is obtained for the sphere.
As seen in Fig. 2 , yield stress values range from 10.2 GPa for the Wulff-like to 18.3 GPa for the sphere, i.e. a maximum stress difference of 8.1 GPa between nanoparticles of similar dimensions. Such a large shape effect on stress is in agreement with recent findings [35] . Nevertheless, there is no evident relation between shape and yield stress. At first sight, one could argue that high yield stresses are related to low contact surface areas. This would explain the maximum stress for the perfect sphere, and decreasing values when an increasing number of layers are removed in T-spheres (thus increasing the contact surface area). However it does not explain why the yield stress for the Wulff-like nanoparticle is lower than for the cubic one, nor why the yield stress does not monotonically increase as a function of a.
Increasing the temperature to 300 K leads to yield stress reduction of about 0e2 GPa, depending on the system. Wagner et al. reported yield stress values of about 10 GPa for 50 nm blunted cubic silicon nanoparticles, uniaxially compressed at RT along < 100 > [30] . In our 300 K calculations, yield stress values ranging between 11.8 and 13.6 GPa are determined for cubic nanoparticles with a in the range 0e0.3, thus in fair agreement with experiments. Fig. 3 shows the yield stresses extracted from 5 K stressestrain curves, as a function of the nanoparticle size, for different shapes and compression orientations. Focusing first on the < 100 > compressed Wulff-like nanoparticle, we observe a marked increase of the yield stress associated to size reduction, from 10.2 GPa to 16.5 GPa for the smallest nanoparticles. A similar increase is also obtained for the < 111 > orientation, although the increase rate is lower (from 13.7 GPa to 17.7 GPa). The yield stress is also systematically higher in this orientation compared to < 100 > . To our knowledge, the mechanical properties of silicon Wulff shaped nanoparticles were not investigated yet, and therefore there are no data to compare with. Nevertheless, a recent study of the < 111 > compression of Wulff shaped FCC nanoparticles hints that the relation between yield stress and size should be a power law, with an exponent of 0.5 [55] . The authors also proposed that this exponent solely depends on the nanoparticle geometry, i.e. more precisely on the angles between {111} and {100} planes, and not on material properties. Since Wulff shapes of FCC and silicon nanoparticles are similar, it is interesting to examine whether such a relation could be relevant here. We find that our data could be approximately fitted by the expression s y ¼ 24d À0:13 , thus with a very different exponent than in Ref. [55] . One possible explanation is that plasticity mechanisms are different in silicon and in FCC metals, as will be shown in the next sections.
The spherical nanoparticle is characterized by the highest yield strength values, with maxima of 18.6 GPa (22.1 GPa) for the < 100 > ( < 111 > ) orientation, respectively. There is no marked variation associated to the nanoparticle size for the < 100 > Fig. 2 . Compressive true stress versus true strain, for nanoparticles of sizes around 50 nm with various shapes, compressed along < 100 > at 5 K.
orientation. For < 111 > , the yield strength tends to first increase with size, reaches a maximum value for the mid-size configuration, then slightly decreases for the largest diameter. Overall, these values are in qualitative agreement with past theoretical investigations. Using the original SW potential, Chrobak and coworkers recently reported yield strength values in the range 21e23.5 GPa for 5e10 nm diameter spherical nanoparticles compressed along < 100 > [56] . A much lower value of about 2 GPa was also proposed for 40 nm nanoparticles [28] , but the authors used a completely different yield stress definition than in most published works, preventing a meaningful comparison. Further data are available from Tersoff potential calculations, also showing larger yield stresses for compression along < 111 > compared to < 100 > [33, 34] . A quantitative comparison remains difficult, since largely different yield stress values are reported despite using the same potential [32e34]. Also, one should keep in mind that the activated plasticity mechanisms are different with this potential, as will be presented in the next section. This may also explain why our results disagree with the Tersoff-based calculations by Hong et al. [34] , which suggested a large stress reduction when the nanosphere diameter increases from 10 nm to 50 nm for the < 100 > , whereas no significant variations are found in the present work. Similarly, no size effect on yield stress is obtained in the case of the perfect cube, with values ranging from 12.6 to 13.2 GPa (Fig. 3) . However, smoothing the cube edges and corners leads to higher stresses for the smallest nanoparticles. This effect tends to vanish for system sizes greater or equal to 30 nm. Recent experimental investigations of < 100 > compressed cubic silicon nanoparticles also revealed a weak size dependence for sizes from 20 to 65 nm, and yield stress values between 9 and 12 GPa [30] . These nanoparticles are characterized by blunt edges, and should be compared to our models with a equal to 0.15 or 0.3. For those, a negligible size dependence is also found for sizes like in experiments (Fig. 3) , although our computed yield stress values are larger, in the range 13e15 GPa. As already mentioned, such a difference could be due to the large difference in strain rates between experiments and calculations.
3.2. Plasticity mechanisms 3.2.1. Wulff-like shape e < 100 > orientation
The onset of plasticity in Wulff-like nanoparticles occurs through the heterogeneous nucleation of dislocations from the contact surfaces (Fig. 4) . The Burgers vector of these dislocations is ða 0 =2Þ < 110 > , and they are located in shuffle {111} planes, as expected for the plastic deformation of silicon at low temperature (i.e. below the brittle to ductile transition temperature) [38] . However a rather unusual feature of these half loop dislocations is the fact that they glide in two different {111} planes. Following nucleation, the half-loop expands in both {111} planes, with a leading edge at their intersection (Fig. 4-b,d ). Each arm of the dislocation is composed of a moving front with a 60 character, connected to the surface by a screw segment. Well grown halfloops show a recognizable V-shape. No noticeable effect of temperature or size is found. In particular, in all simulations save one, the plastic deformation proceeds almost simultaneously from both top and bottom surfaces, with a 0.002 maximum strain difference between events.
Hale and co-workers reported such V-shaped half-loop dislocations for the uniaxial compression of silicon nanospheres [29] . In this study, the plastic deformation was initiated by the homogeneous nucleation of a dislocation loop on a {110} plane, followed by propagation on connecting {111} planes by cross-slip. In the present work, the nucleation is heterogeneous, and occurs in a {111} plane in the vicinity of the corner connecting the {100} contact surface, and lateral tilted {111} facets. For the largest nanoparticles, a very thin {110} facet is separating the two {111} facets, bringing some similarities with the previous study. However, the same mechanism occurs for small nanoparticles, for which the {110} facet is no larger than one atom. It is also interesting that similar V-shaped dislocations were reported in literature, albeit in a different context. In fact, recent investigations of the formation of misfit edge dislocations in a strained GeSi thin film on Si(100) suggested that a mechanism involving V-shaped dislocations (called split dislocation in this work) would be energetically favored compared to the commonly assumed half-loop dislocation [57] .
We also analyze the fine structure of the dislocation cores, in particular for the 60 segment, since several possible core configurations were reported in the literature [58] . Fig. 4 -e shows the core of a 60 dislocation segment, extracted from large scale simulations. One can unambiguously recognize the mobile S1 core originally proposed by Hornstra [59] . Although previously reported as no stable [58] , recent first-principles calculations showed that in presence of large tensile or compressive strains, its stability is greatly improved [60] .
Wulff-like shape e < 111 > orientation
The analysis of plastic deformation reveals a completely different scenario when the Wulff shaped nanoparticles are compressed along the < 111 > orientation instead. First, appreciable changes of the atomic structure are observed during the apparent elastic loading of the nanoparticle. It starts with a spatially limited disordering of the atoms forming the corners of the contact surface (see the enlarged region of Fig. 5-a) . At strains about 0.076 one can see slip events initiated from the edges formed at the intersection of the contact surface and {100} lateral facets. Each one corresponds to the formation and propagation of a dislocation, leaving behind a stacking fault in a glide set {111} plane. From the analysis of atomic displacements, a Burgers vector ða 0 =6Þ < 112 > is determined. However, the core structure, shown in Fig. 5 , is characterized by 7-and 5-fold rings, and does not resemble known partial dislocation cores [61] . It corresponds to a shuffle set 90 partial dislocation core, which was proposed in pioneering works [62] . Such dislocations were already identified in molecular dynamics simulations [63] , and recent experiments also support their existences [42] . The dislocation propagation is very slow, and only small areas are swept for strains in the range 0.076e0.110 (Fig. 5) . This only induces a weak softening in the stressestrain curve. The elastic limit equal to 0.110 corresponds to the nucleation of a perfect 60 dislocation from the 90 partial core, gliding in a {111} shuffle plane and leaving behind a 30 partial dislocation. The perfect dislocation then expands through the nanoparticle very rapidly.
The plastic deformation is then mainly due to nucleation and propagation of additional perfect 60 dislocations.
We find no significant influence of size or temperature on the whole process. Depending on the case, only one or both contact surfaces are concerned by the initiation of plasticity.
Spherical shape e < 100 > orientation
The < 100 > compression of nanoparticles with a spherical shape is remarkably different from the < 100 > Wulff shape case. In fact, the elastic regime is now ongoing until much larger strains, and is characterized by a significant and progressive bending of the {100} atomic layers, the deformation being larger in the vicinity of the indenters (Fig. 6) . This process appears similar to the indentation of the nanoparticle by the topmost (and bottommost) atomic layers, and is associated with atomic rearrangements on surfaces leading to ripples in the stressestrain curve (Fig. 2) . Compared to previous works, no phase transformation is observed, and a spherical geometry is recovered if indenters are pulled back before the yield point.
Nanoparticle yielding occurs by the homogeneous nucleation of {111} shuffle dislocation loops with ða 0 =2Þ < 110 > Burgers vector below (above) the top (bottom) indenters, in weakly deformed regions (Fig. 7-a) . These loops expand until they meet, which induces cross-slip of the screw segments in another {111} slip systems, and the formation of V-shaped dislocations (Fig. 7-b) . In few cases, it seems that V-shaped dislocations are formed from the very beginning of plastic deformation. Also, we find that the connection between the two {111} slip planes in V-shaped dislocations is either atomically sharp, or could be constituted of a small area belonging to a {110} plane, as in Ref. [29] . This process repeats as deformation continues, generating new dislocations in all four possible {111} glide systems (Fig. 7-c,d) . No significant influence of size or temperature is observed.
Spherical shape e < 111 > orientation
Considering now the compression along < 111 > , we find out that the formation of the localized elastically deformed phase is less pronounced. The elastic deformation of the nanoparticle is apparently more homoegeneous during the elastic regime. This is in agreement with the fact that the < 111 > direction in silicon corresponds to the highest strength. The elastic limit corresponds to the homogeneous nucleation of a perfect dislocation loop, in a region close to one indenter ( Fig. 8-a) . The dislocation is characterized by a ða 0 =2Þ < 110 > Burgers vector, and glide in shuffle {111} planes. The expansion of this primary dislocation is accompanied by the nucleation of other similar dislocations, and propagation in other {111} planes by cross-slip for instance.
However, we detect additional unusual events during the expansion/nucleation of these perfect dislocations. In fact, at several places, the 60 dislocation core dissociates, leading to the formation of dislocation loops in intersecting {111} planes (Fig. 8-b,d ). These dislocations are actually partial dislocations, with a Burgers vector equal to ða 0 =6Þ < 112 > . The core represented in Fig. 8-d is equivalent to the one depicted in Fig. 5 -a, although their structure might appear to differ at first sight, because snapshots correspond to different steps of their migration. A glide set {111} stacking fault is growing when the loop expands, and a sessile partial core remains at the original location of the 60 dislocation segment. As usual, we do not observe a significant influence of temperature or size on the results.
Truncated spherical shape
The analysis of the compression along < 100 > of truncated spherical nanoparticles is particularly instructive, although such shapes are probably not experimentally feasible. As shown in Fig. 9 , plastic deformation starts by the nucleation of half loop dislocations in {111} planes, at the edge of the circular contact surface corresponding to the truncated region. These dislocations are perfect shuffle dislocations with a Burgers vector equal to ða 0 =2Þ < 110 > . Their expansion is driven by (i) the 60 front segment gliding towards the nanoparticle interior (ii) the expansion of the screw segments, attached to the contact edge, and cross- slip in {110} planes (Fig. 9-b-c) . This mechanism allows for the plastic deformation to follow the circular shape of the contact surface ( Fig. 9-d) . Compared to Wulff-like nanoparticles, the absence of contact surface edge corners prevents the formation of V-shaped dislocations.
A similar mechanical response is obtained for all T-sphere-n configurations, and for both 5 K and 300 K. This mechanism is different than those observed during compression of the perfect sphere and of the Wulff-like nanoparticle. This suggests that not only the contact surface area but also the edge geometries is a critical parameter for plastic deformation during compression.
Cubic shape
The analysis of simulations for cubic nanoparticles reveals two possible plastic deformation mechanisms. For all nanoparticles, except those of size greater or equal to 40 nm and with a equal to 0.3, plasticity occurs by the heterogeneous nucleation of a half-loop dislocation with a ða 0 =2Þ < 110 > Burgers vector in a {110} plane, from a contact surface (Fig. 10-a) . This loop quickly expands, and is always accompanied with cross-slip of the screw segment in a {111} plane (Fig. 10-b) . Subsequently, other cross-slip events in {111} and {110} planes can occur, as well as the repetition of the process from another surface sources (Fig. 10-c,d ).
We observe a correlation between a and the relative participation of {110} and {111} planes at the onset of the plastic deformation. In fact, the lower a is, the lower the proportion of plastic deformation located in {111} planes. In other words, the initial plastic deformation preferentially occurs in {111} planes for blunt cubes, and in {110} planes for sharp ones. The nanoparticle shape and the temperature also influence the location for the nucleation of the first dislocation. In most cases, the latter is found to form in the vicinity of cube corners, usually close to the edge of the contact surface. However, for sharp cubes (a ¼ 0 À 0:05) and at 300 K, the first plastic events occurs from the lateral surfaces, and not in the corners.
A slightly different scenario is obtained for large cubic nanoparticles, with sizes greater or equal to 40 nm, and with a ¼ 0:3. In that case, the onset of plasticity corresponds to the heterogeneous nucleation of V-shaped {111} half-loop dislocations from the corners (Fig. 11) , similar to those obtained in Wulff-like and spherical nanoparticles. Unlike the previous process though, two different V-shaped dislocations are nucleated simultaneously at each corner. Thus all four possible {111} slip planes are concerned. As deformation proceeds, loops expansion and new dislocation formations are observed, leading to a complex final structure (Fig. 11) .
Discussion
A review of the literature on plastic deformation of silicon tells us that results and conclusions from molecular dynamics simulations can critically depend on the choice of interatomic potentials. This is obviously a severe issue, which may prevent emphatic claims from simulation-based investigations. Nevertheless, a thorough comparison of results obtained in the present work with recently reported studies brings interesting and encouraging agreements. First, an important point is that original mechanisms obtained here such as the V-shaped {111} and {110} dislocations were reported for other systems, and corroborated by electronic structure calculations [39, 57] . Furthermore, recent experimental studies of the mechanical properties of silicon nanowires and nanopillars revealed unexpected slip events located in {115} planes [41, 42] , which are also found in molecular dynamics simulations with the modified SW potential [42] . Also, in this last study, a comparison between experiments and simulations supports the dissociation process of a perfect shuffle 60 dislocation into partial dislocations at low temperature, also observed in the present work. All these elements suggest that the potential used here is well suited for modelling most aspects of the plastic deformation of silicon. The only debating case would concern the nanosphere compressed along the < 100 > orientation. In fact, some experiments first hinted that a phase transition, supposed to be b-tin, occurs below the indenter [30, 64] . In these works, partial dislocations are next seemingly emitted from the metallic b-tin phase [30] .
In our study, another plasticity mechanism is obtained, probably because the modified SW potential overestimates the b-tin phase transition pressure [48] , thus favoring the homogeneous nucleation of dislocation loops at lower stresses. Therefore, the plasticity mechanism obtained in the present work in the specific case of the < 100 > compression of spherical nanoparticles might not be realistic. Finally, it is also not clear whether the partial dislocations obtained in the case of the < 111 > compression of both Wulff and spherical nanoparticles are the same than those observed by Wagner et al. for a < 100 > compression [30] . In fact, the faulted areas in the simulations remain rather small, unlike in experiments.
Focusing now on the effect of size and shape, our results explicitly lead to the conclusion that the shape of the nanoparticles is a factor more influential than size for plasticity, or at least for the studied size range and silicon. In fact, depending on the shape, we observed both large yield stress variations between particles of similar size but with different shapes, together with diverse plasticity mechanisms. Conversely, the nanoparticle size has little influence on the plastic deformation mode in almost all cases. It is not clear whether such a conclusion could also apply for onedimensional systems like nanopillars or nanowires. For instance, earlier investigations showed that the section geometry of silicon nanowires has little effect on plasticity mechanisms [65] . Conversely, it was demonstrated that the orientation of the compression greatly influences the plastic deformation mode of silicon nanopillars [40] , a result also confirmed for nanoparticles in the present work.
In the present state of knowledge, it seems that no established and proven theories were put forward to explain the connection between plastic deformation and nanoparticle shape. The situation is indeed much more complicated compared to one-dimensional systems. For the latter, although the strain state is not exactly spatially homogeneous due to the presence of lateral surfaces, it is often possible to only use simple concepts like Schmid factors to determine the resolved shear stresses for specific plasticity mechanisms [66] . Factors like cross section geometry were analyzed in several works, and it was shown that its main effect is to affect the critical length for nucleating dislocation half-loops [67, 68] . In the case of nanoparticles, the compressive stress due to the indenter is not homogeneously distributed into the volume, except for a perfect nanocube which is a kind of idealized case. This is in part due to the fact that the indenter stress is transmitted through contact surfaces usually of lower dimensions than the nanoparticle. Also, the stress relaxation by lateral surfaces substantially depends on the shape. Finally, the nanoparticle geometry influences Poisson relaxation as well. It is for all these reasons that the strain/stress state in a compressed nanoparticle of arbitrary shape is typically complex and highly inhomogeneous.
The analysis of the stress tensor allows for understanding why specific plasticity mechanisms are obtained for a given nanoparticle shape. First, we focus on the V-shaped dislocations, nucleating in Wulff and spherically shaped nanoparticles. Maras and co-workers recently identified this mechanism as the possible primary step towards the formation of misfit dislocations in strained GeSi thin films [57] . The simultaneous dislocation nucleation in two different {111} planes allows for an efficient relaxation of the bi-axial stress in these systems. In the present study, the large compression due to indenters also induces significant lateral stresses, which could explain the occurrence of these V-shaped dislocations. Next, we find that plastic deformation involved in several cases dislocations gliding in {110} planes. This peculiar slip system was already reported in nanoparticles and nanowires for compression along < 100 > [29, 39, 65] . On the basis of electronic structure calculations, Gu enol e et al. showed that a high stress component along < 100 > favored the activation of the {110} glide system, and not {111} [39] . The uniaxial < 100 > compression of our nanoparticles also yields large stresses along this orientation, which explains the occurence of {110} dislocations. At last, the formation of the peculiar partial dislocations for < 111 > compression is probably correlated to large and inhomogeneous stresses, although the exact relationship is difficult to extract. It is interesting that recently, Li and Picu showed that a suitable stress state could promote the dissociation of perfect shuffle into glide partial dislocations [69] .
A simplified approach for analyzing the onset of plastic deformation in relation with the spatial distribution of stress is to examine the von Mises stress distribution. Fig. 12 shows such views for different investigated systems, at the elastic limit, and confirms that the nanoparticle shape greatly influences the spatial distribution of stress. In particular, a strong inhomogeneity is revealed for the perfect spheres ( Fig. 12-a,j) . The presence of hemispherical stress fields for each contact surface is in agreement with predictions from the Hertz theory. Truncation of the sphere tends to reduce the inhomogeneity, and also to focus the stress maxima at the edges of contact surfaces (Fig. 12-b,c,d) . A similar pattern is obtained for Wulff-like nanoparticles (Fig. 12-e,k) . For the perfect cubic shape, we find a quasi homogeneous distribution of high stress values, with maxima located at the vicinity of the cube corners ( Fig. 12-f) . Rounding the cube edges and corners makes the stress distribution less homogeneous, with the stress maxima following the edges of the contact surfaces (Fig. 12-g,h,i) . Finally, it is also worth noting that the influence of size on stress spatial distributions is negligible, for all nanoparticle shapes.
These spatial distributions also reveal a correlation between the localization of maximum stress values and the onset of plastic deformation in all cases. For instance, the homogeneous nucleation of a full dislocation loop for the perfect sphere is occurring in the high stress zones in Fig. 2-a, inside the nanoparticle. Also, all heterogeneous nucleations of half-loop dislocations are located at surface contact edges, where maximum stress values can be found.
This suggests that it could be possible to guess where plastic deformation will be initiated in the nanoparticle by monitoring how stress is spatially building up during elastic compression. Such a proposition is likely to be softened depending on temperature, although we find a limited influence in the case of silicon.
The spatial distribution of stress and its evolution during the compression of the nanoparticle depend on size and shape. Actually it also depends on additional parameters such as the compression orientation, and eventually of the nature of the free lateral surfaces, although there is a clear relation between those and the nanoparticle shape. Our results indicate that shape has a more significant influence than size for plastic deformation. Unfortunately, the nanoparticle shape is too general as a parameter, since it can hardly be defined with a unique quantity, unlike size. Reviewing our results, the activated plasticity mechanisms depend primarily on the geometry of the contact surface, its orientation, as well as the ratio between the volume contained directly between the two contact surfaces and the nanoparticle volume. Thus we propose that these parameters should be focal points in future investigations of the mechanical properties of nanoparticles.
Conclusion
In this work, we examine the mechanical response of silicon nanoparticles to an uniaxial compression by a flat-punch indenter, as a function of size and for different shapes, by performing large scale molecular dynamics calculations. The first main result is that no simple relation exists between the nanoparticle shape and the onset of plasticity. Furthermore, how mechanical properties are influenced by nanoparticle size also critically depends on the shape. For instance, no size effects are found for perfect cubic or spherical nanoparticles, compressed along < 100 > , but can be clearly identified for Wulff-shaped or blunt cubic systems ( Table 2 ). The second main result is that a great variety of plasticity mechanisms is possible, and that which one is activated decisively depends on the nanoparticle shape (Table 2) . In this work, we identify (i) the surface nucleation of a shuffle perfect dislocation half-loop in a single {111} or double {111} planes (V-shaped) (ii) the surface nucleation of a shuffle partial dislocation, leaving a glide stacking fault (iii) the surface nucleation of perfect dislocation in a {110} plane (iv) the homogeneous nucleation of a shuffle perfect dislocation loop. Surface nucleation usually occurs at edges of a surface in contact with an indenter. We find that the activated plasticity mechanism is mainly determined by the location of the maximum local shear strain and by the geometry of the contact surfaces. Both features are obviously related to the nanoparticle shape.
Although our simulations and analyses only concern silicon, we For < 100 > , the cross-section plane is {011} for the cubes, and {010} for the other geometries. For < 111 > , the cross-section plane is {211}.
are fairly confident that our conclusions could be also valid for other covalent materials. For metallic systems, one could also expect a strong influence of shape on mechanical properties, especially regarding the yield stress and the relation with size. These presumptions definitely call for future investigations.
